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ULTRAHIGH  CARBON  STEELS 
(Contract  N00014-77-C-0I49) 

FIRST  ANNUAL  PROGRESS  REPORT 
(Jan.  1,  1977  - Dec.  31.  1977) 


V 


By 

J.  Wadsworth,  J.  T.  Lo,  R.  Walser,  R.  Caligiuri  and  0.  D.  Sherby 


mOvr  program  has  centered  on  the  tliermal-mechanical  processing  of  steels 
containing  1 to  2.3%C  and  their  properties.  These  iiltrahigli  carbon  (UHC)  steels 
have  been  commercially  neglected  because  of  a traditional  belief  tliat  tliey  are 
brittle.  processing  however  leads  to  the  formation  of  extremely  fine 

cementite  particles  of  about  1/10  micron  (0.0001  mm)  in  a matrix  of  extremely 
fine  ferrite  grains  of  about  1 micron  (0.001  mm)  or  less.  This  fine  structure 
lends  itself  to  several  unique  and  exciting  characteristics  which  revolutionize 
the  traditional  attitudes  to  these  materials.  In  the  first  place  these  fine 
grained  steels  are  superplastic  at  warm  temperatures  and  elongations  to  failure 
of  over  1500%  have  now  been  obtained.  This  means  that  these  materials  can  be 
very  easily  formed.  Second,  they  are  strong  and  ductile  at  room  temperature 
and  the  strength  can  be  simply  controlled  by  the  final  processing  temperature 
or  subsequent  heat  treatment.  Third,  they  can  be  given  a simple  transformation 
heat  treatment  to  form  a structure  of  cementite  and  martensite'  which  is  about 
as  hard  (R^  =,65-681  as  tungsten  carbide 
During  the  first  half  year  of  our  p 
chemistry  of  our  UHC  carbon  steels.  Spe 
influence  of  small  additions  of  Cr,  V,  Mn , Si,  and  Ni  on  the  properties  of 
fine  grained  UHC  steels.  We  have  discovered  that  Ni  and  Si  are  undesireable 
additions  for  they  enhance  graphltlzatlon  leading  to  inferior  warm  and  low 
temperature  properties.  Addition  of  Cr,  V and  Mn  appears  to  be  desirable  for 
these  elements  stabilize  the  carbides  that  are  formed  and  fine  ferrite  grains 
remain  fine  even  after  long  time  deformation  at  warm  temperatures.  These 
changes  in  composition  have  lead  to  considerable  improvement  in  superplastic 
behavior  (~1000%  elongation)  and  in  room  temperature  ductility  ("20%  elongation) 
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compared  to  our  original  UHC  steels.  The  mode  of  failure  at  warm  temperatures 
is  also  Improved;  whereas  a finite  reduction  of  area  was  noted  earlier,  tlie  new 
UHC  steels  usually  exhibit  100%  R.A.  Our  new  results  are  summarized  in  the 
first  semi-annual  progress  report  (Jan.  1,  1977  to  June  30,  1977)  authored  by 
J.  Wadsworth,  J,  T.  Lo,  B.  Walser,  R.  Callglurl  and  0.  D.  Sherby.  Further 
optimization  of  the  chemistry  of  our  steels  as  well  as  the  thermal-mechanical 
processing  treatment  for  enhancement  of  superplastic  and  room  temperature  pro- 
perties will  represent  an  Important  part  of  our  studies  in  our  second  year. 

This  report  describes  two  aspects  of  our  work  in  UHC  steels.  The  first 
portion  is  a paper  which  describes  the  mechanical  behavior  of  superplastic  UHC 
steels  at  elevated  temperature.  The  paper  was  prepared  by  Bruno  Walser  and 
Oleg  D.  Sherby  and  is  being  submitted  for  publication.  In  the  manuscript  the 
strength  and  ductility  characteristics  of  UHC  steels  are  assessed  in  the  temper- 
ature range  600  to  850°C.  It  was  shown  that  the  flow  stress-strain  rate  re- 
lations obtained  at  various  temperatures  were  quantitatively  described  by  the 
additive  contributions  of  grain  boundary  (superplastic)  creep  and  slip  (lattice 
diffusion  controlled)  creep.  It  was  predicted  that  superplastic  characteristics 
should  be  observed  at  normal  forming  rates  for  the  UHC  steels  if  the  grain  size 
could  be  stabilized  at  0.4pm.  The  UHC  steels  were  found  to  be  readily  rolled  or 
forged  at  high  strain  rates  in  the  warm  range  of  temperatures  even  in  the  as-cast, 
coarse  grained,  condition. 

The  second  portion  of  this  annual  report  summarizes  the  doctoral  disserta- 
tion of  Robert  D.  Caligiuri.  This  subject  is  on  the  pressure  sintering  kinetics 
of  iron  powders  and  superplastic  UHC  steel  powders.  Caligiuri  convincingly 
demonstrates  that  densificatlon  under  pressure  sintering  conditions  is  enhanced 
when  the  powders  have  a superplastic  structure.  His  studies  have  lead  to  a 
generalized  relation  for  the  prediction  of  the  densificatlon  rate  if  the  creep 
characteristics  of  the  powders  are  known.  Specifically,  the  densificatlon  rate 

is  given  by  p = 60  ( — ^)  • C where  p is  the  relative  densificatlon  rate,  p 

P ® , 

is  the  density,  n is  the  stress  exponent  for  creep  flow  and  is  the  steady 

state  creep  rate.  Caligiuri’s  work  leads  to  the  possibility  of  pressure  bonding 

superplastic  materials  at  temperatures  where  solid  state  bonding  is  not  normally 

considered  possible.  He  illustrates  the  perfect  bond  attainable  in  UHC  steels 

after  pressure  bonding  at  temperatures  below  the  critical  temperature  (e.g. 

bSO^C). 

A further  aspect  of  Caligiuri' s work  is  the  superplastic  bonding  of  UHC 
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steels  to  other  ferrous  materials.  There  are  unique  featvires  to  such  solid  state 
joining.  In  the  first  place  the  bonding  temperature  is  very  low,  always  below 
the  critical  temperature  (~723°C).  This  is  an  important  temperature  because 
below  it  no  phase  changes  occur  and  hence  desirable  starting  structures  .are  not 
significantly  affected  during  bonding.  Tlie  bonding  itself  is  also  greatly  en- 
hanced by  the  fact  that  the  UHC  steel  is  superplastic.  In  the  second  place, 
if  UHC  steels  are  bonded  to  low  carbon  steels  (mild  steel  for  example)  then 
the  product  can  be  selectively  heat  treated.  For  instance,  by  taking  a laminated 
composite  of  a UHC  steel  and  mild  steel  to  a temperature  above  tlie  and  quenching, 
a product  of  transformed  UHC  steel  .and  unaffected  mild  steel  will  result  (it  should 
be  noted  tliat  some  Interdiffusion  will  occur  at  the  interface  .at  temperatures  above 
723°C).  This  aspect  of  our  study  on  UHC  steels  will  be  emphasized  in  the  second 
year  of  our  program. 

The  following  is  an  outline  of  the  four  sections  that  made  up  the  first  semi- 
annual report.  This  is  then  followed  by  the  two  sections  that  are  described  in 
this  annual  report: 

FIRST  SEMI-ANNUAL  REPORT 

Superplasticity  in  52100  tool  steel, 

J.  Wadsworth,  J.  T.  Lo,  and  0.  D.  Sherby 

Influence  of  Ni,  Cr,  and  V,  on  Superplast ici tv  in  Ultrahigh  Carbon  Steels 
J.  Wadsworth  and  0.  D.  Sherby 

Ultrahigh  Carbon  Steels  - The  Influence  of  Chromium 
J.  Wadsworth  and  0.  D.  Sherby 

Experimental  work  performed  on  Ultrahigh  Carbon  Steels  .it  Sulzer  Brothers, 
Switzerland 

B.  Walser 

THIS  REPORT  Page 

Mechanical  Behavior  of  Superplastic  Ultrahigh  Carbon  Steels 
at  Elevated  Temperature 

Bruno  Walser  and  Oleg  D.  Sherby  4 

The  Pressure  Sintering  Kinetics  of  Iron  Powders  and  Super- 
plastic  Ultrahigh  Carbon  Steel  Powders 

Robert  D.  Caligiuri  35 


3. 


F 


i 

I 

1 


Mechanical  Behavior  of  Superplastic  Ultrahigh 
Carbon  Steels  at  Elevated  Temperature 

Bruno  Walser  and  Oleg  D.  Sherby 


MECHANICAL  BEHAVIOR  OF  SUPERPLASTTC  ULTRAHICH 
CARBON  STEELS  AT  ELEVATED  TmPKlUTURE 


by 


Bruno  Walser 


and  Ole;’  I).  Slierby 


Abstract 

Ultrahlgh  carbon  (UHC)  steels  were  invest if;ated  for  their  strength  and 
ductility  characteristics  from  600  to  850°C.  It  was  shown  that  such  UHC 
steels,  in  the  carbon  range  1.3  to  1.9%C,  were  superplastic  \4icn  the  micro- 
structure consisted  of  fine  equiaxed  ferrite  or  austenite  grains  (~lpm) 
stabilized  by  fine  spheroidiced  cementite  particles.  Tlie  flow  stress- 
strain  rate  relations  obtained  at  various  temperaturts were  quantitatively 
described  by  the  additive  contributions  of  grain  boundary  (supcrplast ic) 
creep  and  slip  (lattice  diffusion  controlled)  creep.  It  was  predicted 
that  superplastic  characteristics  should  be  observed  at  normal  forming 
rates  for  the  UHC  steels  if  the  grain  size  could  be  stabilized  at  0.4pni. 

The  UHC  steels  were  found  to  be  readily  rolled  or  forged  at  liigh  strain 
rates  in  the  warm  and  hot  range  of  temperatures  even  in  tlio  as-cast , 
coarse  grained,  condition. 


* Formerly  Research  Associate,  Department  of  Materials  Science  and  Engineering, 
Stanford  University,  Stanford,  California,  now  Research  Minager,  Physical 
Metallurgy  Group,  Sulzer  Brothers,  Wintherthur,  Switzerland. 


**  Professor,  Department  of  Materials  Science  and  Engineering,  Stanford 
University,  Stanford,  California,  94305. 
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Mechanical  Behavior  of^  Superplastic  Ultrahip, h 
Carbon  Steels  at  F.leva d Tcmpe r a t u 
by 

Bruno  Walser  and  Oleg  D.  Sherby 

Recently  a new  class  of  ultrahlgh  carbon  steels  (1.3-1.9%C),  combining 

superplastic  characteristics  at  elevated  temperature  with  good  to  excellent 

(1-4) 

room  temperature  properties,  was  developed  . The  basis  of  our  success  in 

making  plain  carbon  steels  superplastic  was  the  attainment  of  ultra  fine 
structures  with  grain  sizes  in  the  order  of  0.5  to  5Mm  in  size  and  ccmentlte 
particles  about  O.lym  in  size.  The  high  volume  fraction  of  cement! te  particles 
present  (20  to  35  volume  percent)  maintains  the  fim?  grain  size  at  warm  temper- 
ature. Several  therm.al-mechanical  processing  methods  were  developed  to  obtain 

(1  2) 

these  fine  structures  ’ . Not  only  should  such  hypereutectoid  steels  cxliibit 

superplasticity  below  the  critical  temperature,  723'’C,  but  they  should  also 

be  superplastic  above  the  .Aj  temperature.  Tliis  desirable  result  is  possible 

because  the  austenite  grains  obtained  upon  transformation  sliould  also  be  fine 

grained  (since  many  nuclei  exist  from  the  prior  fine  grained  ferrite).  Further- 
more, the  fine  austenite  grains  should  remain  fine  because  of  the  presence  of 
the  undissolved  cementlte  particles.  This  condition  should  yield  a wide  range 
of  temperature  where  superplastic  flow  can  be  expected  and  Figure  1 illustrates 
the  possible  influence  of  carbon  on  tlie  expected  range  for  superplasLic  flow. 
Thus,  for  a 1.9%C  steel,  superplasticity  ritay  be  expected  to  be  observed  from 
600  to  850°C,  a desirable  characterist  ic  from  f lie  viewfioint  of  flexibility  in 
the  manipulation  of  temperature  for  superplastic  metal  forming. 

The  purpose  of  the  present  paper  is  to  present,  describe  and  assess  the 
mechanical  properties  of  ultrahigh  carlion  (UHO)  steels  (1.3  to  2.3%C)  at  elevated 
temperatures . 
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Materials  and  Experimental  Procc?dure 

Castings  of  1.3,  1.6,  1.9  and  2.3%C  steels  were  obtained  in  the  form  of 
slabs  33.5  cm  long  wherein  the  dimensions  of  the  bases  were  5 by  5 cm  and  5 by 
2.5  cm.  The  chemical  composition  of  tiic  castings  arc  given  in  Table  I. 

Table  1 


Chemical  Composition  of  Ultrahigh  Carbon  Steels  Investigated  (weight  percent) 


C 

Mn 

Si 

_P 

S 

Fe 

1.3%C 

1.25 

0.65 

0.10 

0.016 

0.024 

bal. 

1.6%C 

1.57 

0.73 

0.28 

0.015 

0.020 

ba  1 . 

1.9%C 

1.92 

0.S2 

0.30 

0.018 

0.019 

bal . 

2.3%C 

2.28 

0..80 

0.31 

0.017 

0.020 

bal. 

Examples  of  carbon  replica  transmission  photographs  of  the  as-cast  microstructnrc 
are  shown  in  Figure  2 for  a 1.6%  and  a 1.9%C  steel.  One  observes  massive  primary 
cementite  networks;  oftentimes,  a well  developed  pearlite  structure  is  seen  adjoining 
the  proeutectoid  cementite  particles.  The  influence  of  extensive  mechanical  working 
on  the  refinement  of  the  cast  microstructure  is  shown  in  the  same  figure.  The  1.6%C 
steel  exhibits  a uniformly  spheroldized  structure.  This  sample  was  heated  to  1150°C 
and  deformed  continuously  at  10%  per  pass  to  a true  strain  of  2.0  as  it  cooled  to 
about  600-650°C;  it  was  then  isothermally  rolled  at  650°C,  5%  per  pass,  to  an 
additional  true  strain  of  1.5.  The  worked  1.9ZC  steel  was  not  as  fully  spheroldized 
as  the  1.6%C  steel  (lower  right  photograph  in  Figure  2).  Thi.s  was,  in  part,  .attrib- 
uted to  insufficient  working  in  the  alpha  r.ang.e  (only  0.9  true  strain  in  this  case). 

An  example  of  optical  micrographs  for  .i  l.OZC  steel  in  tlie  .ir;-cast  state,  and  after  ex- 
tensive alpha  working  at  650°C  (c  = 1.5)  is  shown  in  Figure  3.  The  grain  size  for  a 


* The  2.3%C  composition  steel  is  more  correctly  defined  as  cast  iron  since  most 
definitions  place  cast  irons  as  alloys  of  iron  and  carbon  containing  more  than 
1.7%C.  The  significance  of  this  level  of  carbon  is  that  it  formerly  was  thought 
to  be  the  maximum  solubility  of  carbon  in  y iron.  In  tlie  early  1940's,  however, 
the  maximum  solubility  of  carbon  in  y iron  was  shown  to  lie  .at  about  2%  .and  the 
current,  widely  accepted,  value  is  2.1170^^^.  Since  we  make  only  minimal  reference 
to  the  2.3%C  composition  alloy  in  this  paper  we  will  classify  it  as  p.art  of  the 
UHC  steels  studied. 
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fully  spheroldlzed  steel  In  the  UHC  steels  investigated  is  in  the  order  of  0.5 
to  1.5um  and  the  cementlte  particle  sizes  are  in  the  order  of  0.1  to  0.5pni. 


Rectangular  tensile  specimens  were  used,  witli  a gage  section  of  12.7  or 
25.4  mm  length  and  different  thicknesses  depending  on  tlie  thickness  of  the  as- 
rolled  plate  (typically  2 to  5 mm).  Transmission  electron  microscope  studies 
were  done  by  spark  cutting  thin  plates  from  tested  samples  followed  by  grinding 
to  a thickness  of  0.1  mm.  The  final  electrolytic  thinning  was  done  in  an 
Na2Cr0^  - CH^COOH  - electrolyte  at  20°C  and  25  volts. 

Results  and  _IH s cu s ju oji 

Most  of  the  mechanical  tests  were  performed  in  tlie  temperature  range  from 
bOO^C  to  about  850“C  where  sunerplastic  effects  were  noted.  In  tills  section  we 
will  discuss  the  nature  of  the  stress-strain  curves  observed,  the  flow  stress- 
strain  rate  relations  noted  below  and  above  the  temperature  and  lastly,  the 
Influence  of  strain  rate  and  temperature  on  the  tensile  ductility. 

1)  Stress-strain  curves 

Examples  of  true  stress-true  strain  curves  obtained  for  the  l.bIfC  steel  are 
shown  in  Figure  4.  In  this  figure  the  fully  spheroidized  fine  grained  steel  is 
compared  with  the  as-cast  material.  Tlie  samples  were  deformed  at  an  engineering 
strain  rate  of  1%  per  minute  at  650“C.  V/e  note  the  hig.h  ductility  (500%  elongation) 
and  low  flow  stress  of  the  fine  grained  steel  compared  to  tlie  coarse  grained  as- 
cast  material.  These  results  follow  the  expected  behavior,  that  is,  fine  super- 
plastic structures  exhibit  lower  strengths  than  coarse  structures  at  elevated 
temperature  and  low  strain  rates.  Two  results  were  noted,  however,  which  were 
somewhat  unexpected.  The  first  relates  to  the  considerable  strain  hardening  that 
was  observed  to  occur  during  superplastic  flow  of  the  fine  grained  steels.  For 
example,  the  flow  stress  more  than  doubled  (50  to  65  MPa)  after  200%  elongation. 

We  attribute  this  result  to  grain  growth  that  occurred  during  superplastic  flow 
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since  it  is  well  established  that  coarse  grained  samples  are  stronger  thaik  fine 

grained  samples  (typically  a is  directly  proportional  to  the  grain  size'  '). 

Transmission  electron  microscopy  studios  revealed  tliat  the  original  grain  size  was 

about  O.Spm.  After  deformation  to  100%  elongation,  the  grain  size  increased  to 

1.5  to  2 microns  and  after  a total  elongation  of  300Z  the  grain  size  was  about  3pm. 

These  microstructural  changes  during  superplastic  straining  were  typical  of  those 

noted  for  the  1.3,  1.6  and  1.9%C  steels  although  other,  less  sensitive,  variables 

(4) 

were  strain  rate  and  temperature  . An  example  of  grain  growth  during  superplastic 
flow  of  a 1.9%C  steel  is  shown  in  the  transmission  photomicrographs  of  Figure  5.  Of 
special  note  in  this  figure  is  that  straining  enhances  grain  growth  dramatically. 
Thus,  the  grip  region  of  the  tested  sample  (Fig.ure  50),  where  no  straining  occurred, 
exhibits  a grain  size  of  Ipm  after  exposure  to  the  same  time  at  temperature;  this 
grain  size  is  about  three  tines  smaller  than  tliat  observed  in  the  gage  region  of 
the  fractured  sample. 

Another  interesting  observation  in  Figure  h is  that  the  as-cast  1.6ZC  steel 
exhibited  a respectably  high  elongation  to  fracture  of  43%  at  650°C  (T  = O.SIT^^). 

Such  a result  suggests  that  UHC  steel  castings  are  rather  forgiving  materials  at 
elevated  temperature  and  should  not  crack  easily.  This  agreed  well  with  our  ex- 
perience since  edge  cracking  rarely  occurred  during  rolling,  in  the  temper.nture 
range  of  550*C  to  1100°C.  An  example  of  the  forgeability  of  the  UIIC  steels  in 
the  as-cast  condition  is  shown  in  Figure  6.  Castings  in  tlie  form  of  m.achined 
cubes  were  forged  at  850“C  in  one  step  (about  3 to  5 seconds  forging  time)  to  the 
capacity  of  the  press  used,  170  Lons  iorce  (1.52  Mil).  None  cf  the  samples  ex- 
hibited cracking  except  the  2.3fC  steel.  The  latter  steel,  which  contains  3A 
volume  percent  cementlte  below  the  point,  roi\ld  not  be  worked  extensively  at 

any  temperature  without  cracking  badly.  It  is  not  at  all  clear  why  such  di f f icvilt ics 

(9) 

were  observed  with  this  carbon  content  steel,  altlioiigb  recent  work  suggests  that 

I 
( 

I 

i 

k 


9. 


diminishing  the  presence  of  silicon  may  contrilnUe  to  Inhibition  of  edge  cracking. 

2)  Change- in-strain  rate  tests 

A common  method  of  determining  the  flow  stress-strain  rate  relation  from  a 
single  superplastic  sample  is  to  perform  strain-rate  ciiange  tests^^^^.  This  is  a 
very  convenient  method  and  is  especially  meaningful  when  structural  changes  do  not 
occur  during  plastic  flow.  This  is  often  not  the  case,  however,  as  emphasized  by 
Ral  and  Grant^^^^  and  by  Baudelet  and  Ills  colleagues^ . We  mentioned  earlier 
that  grain  growth  occurred  during  superplastic  deformation  of  the  ultrahigh  carbon 
steels  (Figure  .5)  and  that  this  was  responsible  for  tlie  strain  hardening  observed 
in  the  early  portion  of  the  true  stress-true  strain  curve  (Figure  4).  We  developed 
an  experimental  method  which  helped  to  minimize  tiiis  problem  l)y  predelorming  the 
material  to  a strain  of  0.2  to  0.4  at  which  point  a steady  stati-  flow-stress  (and 
hence  a steady  state  structure)  was  approached.  Tlie  sample  was  tlien  deformed  small 
amounts  at  several  different  strain  rates.  In  tliis  manner  a large  amount  of  informa- 
tion was  obtained  between  the  flow  stress  and  the  corresponding  strain  rate  over  a 
range  of  strain  where  grain  growth  was  minimal.  Tlie  flow  stress  observed  at  each 
strain  rate  was  assumed  to  represent  a given  constant  grain  size.  An  example  of  a strain 
rate  change  test  for  the  1.6%C  steel  in  tlie  j’amma  plus  eementite  range  is  shown  in 
Figure  7. 

Strain  rate  change  rests  performed  at  different  temperatures  for  the  l.b'fC  steel  I 

i 

are  presented  in  Figure  8 as  flow  stress-strain  rate  curves.  The  influence  of  carbon  j 

content  on  the  flow  stress-strain  rate  relationship  for  the  UHC  steels  is  shown  in 
Figure  9.  These  data  reveal  the  norm.il  trend  expected  in  sui'erjilastic  materials  at 
low  strain  rates,  namely  the  stress  exiionents  are  low  anil  typical  of  those  observed 
for  superplastic  metallic  alloys  (i.c.  n ~ 2) . In  tliis  region,  grain  boundary 
sliding  is  believed  to  be  the  rate  rontrolling  process  in  plastic  flow  and  elonga- 
tions In  the  order  of  500-700%  were  noted.  At  hig.Ii  strain  r.ites,  tiie  stress  exponents 
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were  typically  about  eight  (Figures  8 and  9).  Note  the  wide  range  of  strain  rates 

where  n = 8 for  the  coa'se  grained  (d  = lOpm)  iron-carbon  alloy  (Figure  9).  These 

values  can  be  compared  with  stress  exponents  noted  in  couetant  structure  creep 
(14) 

tests  at  high  temperature;  ore  can  assume  that  constant  structure  is  i.  a i i^tained 
in  the  UHC  steel  since  the  submicron  grain  size  present  would  make  it  unlikely  that 
subgrains  would  form  and  at  high  strain  rates  virtually  no  grain  growth  occurs.  In 
this  region  deformation  by  slip  processes  Involving  dislocation  climb  is  believed  to 
be  the  rate  determining  step  for  plastic  flow^^^^. 

The  above  results  suggest  that  the  creep  rate  of  the  UHC  steels  can  be  correlated 
by  means  of  two  additive  contributions  to  plastic,  flow,  namely: 

r.  = ‘-  F + t (1) 

so . f . s . c . 

• • 

where  e f creep  rate  associated  with  superplastic  flow  and  c is  the 

sp.i.  s.c.^ 

creep  rate  associated  with  slip  creep.  Specific  expressions  have  been  developed 

to  describe  these  relations.  The  superplastic  flow  rate  of  fine  grain  size  materials, 

when  grain  boundary  diffusion  is  rate-cont rol ling^^ ’ ^ ^ is  given  by 

b D , 

d 

o 

where  A = 10  , d is  the  grain  size,  b is  .Burgers  vector,  is  the  grain  boundary 

diffusion  coefficient  in  the  matrix  phase  of  the  superplastic  material,  O is  the 


creep  stress  and  E is  the  unrelaxed  dynamic  Young's  modulus.  The  creep  rate  in 

( 13) 

the  slip  creep  range,  where  lattice  diffusion  is  rate  controlling  is  given  by 

^s.c.  = <3) 

h 

where  A'  = 10  for  high  stacking  fault  energy  materials,  \ is  the  subgrain  size  or 
barrier  spacing  (in  the  case  of  the  ultrahigh  carbon  steel  the  grain  size  or  the 
interparticle  spacing  whichever  is  the  finest),  and  Dj  is  tlie  lattice  self-diffusion 
coe  f f icient . 

The  data  shown  in  Figure  8 were  plotted  to  determine  the  artivatlori  ('oergv  for 
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plastic  flow  in  the  two  regions  in  order  to  compare  the  results  with  those  pre- 
dicted by  equations  (2)  and  (3).  The  method  selected  to  calculate  the  activation 
energy  was  to  plot  the  modulus  compensated  flow  stress  versus  the  reciprocal 
absolute  temperature.  This  permitted  using  data  within  the  superplastir  region 
and  within  the  slip  creep  region.  Thus,  the  activation  energy  for  plastic  flow, 
from  equations  (2)  and  (3),  can  be  calculated  by 

R din  (-p)" 

Q =--dT/T- 

€ = constant 

Plots  for  determination  of  the  activation  energy  are  given  in  Figures  lOA  and  lOB. 

As  can  be  seen,  the  activation  energy  for  plastic  flow  in  the  superplastic  region 
(Figure  lOB)  is  about  160  kjoules  per  mole  in  both  the  alpha  plus  cementite  region 
and  gamma  plus  cementite  region;  these  values  are  nearly  identical  to  the  grain 
boundary  self  diffusion  activation  energy  of  iron  in  alpha  iron,  170  kjoules  per 
mole,  and  in  gamma  iron,  163  kjoules  per  mole  (Table  II).  The  activation  energy 
for  plastic  flow  in  the  slip  creep  region  (Figure  lOA)  was  determined  to  be  about 
350  kjoules  per  mole  from  the  limited  data  available.  This  value  is  higher  than 
those  noted  by  Kayali^^^^  for  creep  of  coarse  grained  ultrahigh  carbon  steel  where 
values  of  250  kjoules  per  mole  were  obtained.  Tiiis  discrepancy  may  be  due  to  the 
possibility  that  slip  creep  is  not  yet  the  dominating  defoiraation  process  at  the 
strain  rate  used  to  determine  the  activation  energies  given  in  Figure  lOA.  These 
differences  not  withstanding,  we  associate  the  activation  energy  for  plastic  flow  in 
the  slip  creep  region  with  the  activation  energy  for  lattice  diffusion  in  alpha 
iron,  251  kjoules  per  mole,  and  in  gamma  iron,  270  kjoules  per  mole  (Table  II). 

The  above  calculations  yield  qualitative  evidence  tiiat  the  UHC  steels  behave 
in  a manner  predicted  by  the  phenomenological  creep  flow  relations  (2)  and  (3). 

More  importantly,  a quantitative  prediction  can  be  made.  Tims,  the  creep  behavior 
of  the  1.6%C  steel  in  the  alpha  plus  cementite  region  can  be  predicted  by  equations 
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(2)  and  (3)  since  and  are  known  for  alpha  iron  (Table  If)  and  since  the 
grain  size,  d,  and  the  barrier  spacing.  A,  are  known  after  plastic  flow  in  this 
region.  As  mentioned  previously,  grain  growth  occurred  due  to  the  superimposed 
effect  of  strain  and  time  in  the  superplastic  region;  grain  sizes  in  the  super- 
plastically  deformed  samples  were  typically  2pm.  In  the  higli  strain  rate  slip 
creep  region,  grain  growth  did  not  occur  and  the  grain  size  was  typically  0.5  to 
1.0pm.  To  compare  the  experimental  flow  st  re»ss-st  ra  i n rate  data  witii  equations 
(2)  and  (3),  the  grain  sice,  d,  was  chosen  as  2pm  to  substitute  into  the  super- 
plastic flow  rate  expression  and  A = 0.5vim  was  cliosen  for  tlie  slip  creep  flow  rate 
expression  (the  interpart Lole  spacing  was  taken  as  the  barrier  spacing).  The 
result  of  the  prediction  is  shown  in  figure  11  for  tlie  1.6%C  steel  at  650°C  and 
700°C.  As  can  be  seen,  good  quantitative  correlations  were  obtained,  attesting  to 
the  probable  validity  of  the  superplastic  flow  and  slip  creep  relations  in  de- 
scribing the  creep  behavior  of  fine  grain  size  ultrahlgh  carbon  steels. 

The  strength  difference  of  tlie  1.6%C  steel  above  and  below  the  Aj^  is  readily 
seen  in  Figure  10.  Extrapolation  of  the  data  in  tliis  figure  to  the  transition 
temperature  reveals  that  the  UHC  steel  in  the  gamma  plus  cementite  region  is 
stronger  than  in  the  alpha  plus  cementite  region.  This  is  probably  due  to  the 
lower  diffusion  rate  in  the  f ace-cente.rcd-cuhic  austenitic  steel  than  in  the 
ferritic  steel.  It  was  decided  to  compare  the  stress-strain  rate  relation  for 


the  UHC  steel  both  above  and  below  the  A^^  by  selecting  a temperature  at  which 
the  grain  boundary  diffusion  coefficients  were  identical.  The  two  temperatures 


selected  were  700°C  for  the  alpha  plus  cementite  range  and  770°C  for  tiie  gamma 

— 8 2 

plus  cementite  range.  At  these  temperatures,  U , ~ 1.2  x 10  cm  /.sec  (Table  II). 


By  coincidence,  the  lattice  self  diffusion  coefficients  in  tlie  ferritic  and 

X A 2 

austenitic  phases  were  also  nearly  identical,  ''  5 x 10  cm  /sec  (Table  11). 
And,  the  dynamic  Young's  modulus  values  for  pure,  iron  in  the  two  cry.stalline 
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forms  are  also  quite  similar,  = 1.35  x 10^  MPa  and  (f-(^)7oo“c  “ ^ 

MPa.  (The  modulus  value  for  gamma  iron  at  770'’C  sliould  be  corrected  for  the  0.9 
wt  % C in  solution  at  this  temperature;  no  modulus  data  appear  available  to  make 
the  appropriate  calculation,  although  the  correction  is  likely  to  be  .small.)  A 
comparison  of  the  1.6%C  steel  at  700  and  770'’C  is  shown  in  Figure  12.  The  curves 
nearly  superimpose  attesting  to  the  previous  suggestion  that  the  appropriate 
diffusion  coefficients  stid  ) and  the  elastic  moduli  properly  account  for 

the  plastic  flow  behavior  of  the  1.6%C  steel.  The  lower  creep  rate  of  the  austenitic 
phase  material  compared  to  the  ferritic  phase  material  in  the  superplastic  region 
can  be  attributed  to  a grain  size  difference;  it  is  possible  that  grain  growth  is 
enhanced  in  the  austenite  region  because  there  is  less  cementite  present  than  in 
the  ferrite  region  (12.5  vol  % Fe^C  at  770°C  compared  to  25  vol  % Fe^C  at  700°C). 

At  high  strain  rates  in  tae  slip  creep  region,  the  ferritic  phase  material  is  stronger 
than  the  austenitic  phase  material.  Several  factors  can  contribute  to  the  latter 
observation.  First,  the  barrier  spacing  (i.e.  the  interparticle  spacing  and  the 
grain  size)  in  the  ferrite  range  is  probably  sm.illcr  tlian  in  the  aitstcnite  range; 

(if  equation  (3)  is  u.sed  to  predict  the  difference  In  barrier  spacing  from  the 
difference  in  strength,  about  a factor  of  two  is  calculated.)  We  believe  this  to 
be  the  most  likely  factor  influencing  the  difference  in  strength  at  high  strain 
rates.  A second  factor  is  that  solid  solution  liardening  (e.g.  atom  size  differences) 
from  the  presence  of  manganese  and  silicon  may  be  more  effective  in  the  austenitic 
than  in  the  ferritic  phase.  And,  a third  factor  is  the  possible  contribution  of 
the  hardness  of  cementite,  per  se  to  the  streng.th  of  the  i ron-c('nentite  c.o.mposite 
that  makes  up  the  1.6%C  steel  studied.  That  is,  it  in  known^^^^  that  the  hardness 
of  cementite  is  an  order  of  magnitude  higher  than  the  hardness  of  alpha  iron  at 
700'’C  but  is  only  a factor  ot  two  harder  than  gamm.i  iron  when  the  hardness  data 
are  extrapolated  to  770“C. 

I 
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3 ) Influence  of  strain  rate  aiT^d_t empera turc  on  die^  ten s i I e_c^c t i 1 ^ty 

The  above  discussion  reveals  that  UHC  steels  when  in  fine  grained  form  exhibit 
all  the  characteristics  expected  of  a superplastic  material.  The  tensile  ductility 
increased  in  value  as  tue  strain  rate  sensitivity  exi)oncnt,  m,  Increased,  following 
the  usual  trends  described  extensively  in  the  1 i terature ^ We  give  the  re- 
sults of  isostrain-rate  tests  performed  to  determine  the  tensile  elongation  in 
Table  III.  These  tabulated  data  are  plotted  in  Figure  13  as  tensile  ductility 
against  the  diffusion  compensated  strain  rate.  Elongations  as  high  as  750X  were 
obtained  for  the  UHC  steels  when  the  strain  rate  sensitivity  exponents  reached 
values  of  0.5.  Samples  tested  in  the  ferrite  plus  cementite  range  exlilbited  higher 
elongations,  as  an  average,  than  samples  in  the  austenite  plus  cementite  range. 

This  difference  is  lil.ely  attributable  to  the  slightly  coarser  grain  size  that  may 
exist  in  the  austenite  range  than  in  the  ferrite  range.  All  s.imples  exhibited 
necking  prior  to  failure;  the  fracture  region,  however,  never  exhibited  a chisel 
point  failure  (i.e.  reduction  of  area  was  less  tlian  100/i).  This  was  rather  surprising 
since  no  evidence  of  cra;.<ing  was  observed  in  the  llllt;  steels  in  regions  away  from 
the  fractured  region.  Regions  adjoining  the  fracture  s.urfaee,  however,  exhibited 

sV 

presence  of  minute  voids  mostly  at  interphase  boundary  sites  . 

The  UHC  steels  studied  in  this  investigation  are  superplastic,  ig)  to  strain 
rates  as  high  as  10%  per  minute  (Table  HI  and  Figure  13).  Altliough  these  are 
respectably  high  strain  rates,  they  are  not  in  the  order  of  commercial  forming 
rates.  From  a practical  and  economical  point  of  view  it  would  be  liiglily  desirable 
if  the  UHC  steels  could  be  superplastic  at  normal  formiii)'.  rates,  i.i  . 10  ^ to  1 sec  ^ 
(600  to  6000%  per  minute).  Such  a goal  is  a realistic  one  .and  the  principal  method 

* Recent  investigations have  revealed  that  appropri.it o control  of  chemical  com- 
position (primarily  low  silicon  content  and  small  additions  of  carbide  stabilizing 
elements  like  vanadium)  can  lead  to  tensile  elong.at  ions  exceeding  1500,  and  to 
chisel  point  type  fractures  (100%  K.A.). 
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Table  III 


Elongations  to  fracture  for  the  superplastic  ultrahigh  carbon  steels  under 
different  test  conditions.* 


Test 

No. 

Material  and 
alpha  working 

history 

Test  T 
(°C) 

Initial 
E (%min“ 

St  rain-rate 
1)  e (Sec"^) 

e/Dj 

cm"' 

Bb 

2 

elon . 
f rac . 

to 

(%) 

1 

1.3%C  aw(650) 

ea=l. 7 

605 

1 

1.7 

X 

10"^* 

2.2  : 

X ; 

lo"^ 

230 

2 

aw(650) 

ea=l . 2 

630 

0.8 

1.3 

X 

10" 

4.85 

X 

10''* 

700 

3 

ctw(650) 

ea=l . 2 

650 

0.8 

1.3 

X 

lO"''* 

3.17 

X 

10^ 

600 

4 

aw(650) 

e:o=1.2 

650 

1 

1.7 

X 

10"^ 

4.15 

X 

10^ 

480 

5 

aw(650) 

ca=1.2 

650 

1 

1.  7 

X 

10"^ 

4.15 

X 

10^ 

250 

6 

aw(565) 

ea=l. 7 

650 

10 

1.7 

X 

10”  3 

4.15 

X 

io3 

320 

7 

otw(565) 

ea=0.8 

650 

100 

1.7 

X 

10"2 

4.15 

X 

10^ 

76 

8 

aw(565) 

ea=l. 7 

800 

10 

1.7 

X 

10-3 

7.94 

X 

10^ 

140 

9 

1.6%C  ctw(565) 

ea-1 . 5 

600 

10 

1.7 

X 

10-3 

1.38 

X 

10^ 

207 

10 

aw(650) 

e;i=:.7 

620 

0.4 

6.7 

X 

10-3 

3.22 

X 

10^ 

489 

11 

otw(650) 

ea=l . 7 

630 

0.8 

1.3 

X 

10-^ 

4.85 

X 

10^ 

760 

12 

aw(650) 

€a=1.7 

650 

0.4 

6.7 

X 

10-3 

1.63 

X 

10^ 

473 

13 

aw(650) 

ca=i. 7 

650 

1 

1.7 

X 

10"^ 

4.15 

X 

10^ 

486 

14 

aw(565) 

ea=l.  0 

650 

1 

1.7 

X 

10-^ 

4.15 

X 

10^ 

334 

as  cast 

650 

1 

1.7 

X 

10- 

43 

16 

aw(650) 

Ga=l. 7 

650 

4 

6.7 

X 

lO"''* 

1.63 

X 

103 

532 

17 

otw(650) 

ca=l. 7 

650 

10 

1.7 

X 

10-3 

4.15 

X 

103 

457 

0£w(500) 

+100  Mrs 

18 

/500'C 

ea=l. 7 

650 

10 

1.7 

X 

10-3 

4.15 

X 

103 

273 

19 

aw(565) 

t:a=l.  0 

650 

10 

1.7 

X 

10"  3 

4.15 

X 

103 

270 

aw (700) 

+100  Hrs 

20 

/500“C 

ea=l. 3 

650 

10 

1.7 

X 

10-3 

4.15 

X 

103 

240 

21 

aw(650) 

Ea=l . 1 

650 

100 

1.7 

X 

10-2 

4.15 

X 

10^ 

78 

22 

0(w(650) 

ca=l . 7 

670 

0.4 

6.7 

X 

10-3 

9.6  ; 

K ' 

103 

361 

23 

aw(650) 

ca=l . 1 

700 

10 

1.7 

X 

10-3 

1.3  : 

K 

103 

262 

24 

no  ctw 

700 

10 

1.7 

X 

10-3 

73 

25 

aw(565) 

£a=1.0 

750 

200 

3.3 

X 

10“2 

3.75 

X 

lob 

83 

26 

aw(650) 

Ea=1.7 

770 

1 

1.7 

X 

10“''' 

1.41 

X 

10^ 

421 

27 

ccw(650) 

ca=1.8 

770 

1 

1.7 

X 

10“''' 

1.41 

X 

10^ 

165 

28 

aw (650) 

ea=l. 8 

770 

10 

1.7 

X 

10-3 

1.41 

X 

103 

183 

29 

aw(650) 

£a=l. 8 

770 

100 

1.7 

X 

10-2 

1.41 

X 

iOb 

89 

30 

aw(565) 

ea=l. 5 

800 

1 

1.7 

X 

10“''* 

7.93 

X 

103 

234 

31 

aw(565) 

ea=l. 5 

800 

10 

1.7 

X 

10-3 

7.93 

X 

lO'^ 

397 

32 

no  aw 

800 

10 

1.7 

X 

10-3 

7.93 

X 

10^ 

120 

33 

aw(565) 

ea=1.5 

800 

100 

1.7 

X 

10-2 

7.93 

X 

103 

165 

1.9%C  aw(650) 

ca=0.  9 

34 

+700“C/30  min 

650 

1 

1.7 

X 

10-^' 

4.15 

X 

lo'' 

378/380 

35 

aw(565) 

ca=0.2 

650 

1 

1 .7 

X 

lo-'* 

4.13 

X 

10^ 

231 

36 

aw(565) 

ea=l 

650 

1 

1.7 

X 

10“''* 

4.15 

X 

10^ 

334 

37 

aw(593) 

E'a=l.  1 

650 

1 

1.7 

X 

10"^ 

4.15 

X 

10^ 

328 

otw(650) 

f.a-  O.  9 

38 

+700°C/30  min 

700 

10 

1.7 

X 

10-3 

1.3  : 

X 

103 

222 

39 

same 

650 

10 

1.7 

X 

10-3 

4.  15 

X 

103 

254 

40 

same 

770 

10 

1.7 

X 

10-3 

1.41 

X 

]03 

195 

* all  ultrahigh  carbon  steels  were  first  worked  by  continuous  rolling  from  an 
initial  temperature  of  1200°C  to  a final  temperature  of  650”C  acliicving  a total 
trtie  strain  of  about  two.  The  subsequent  working  treatment  Is  described  in  the  t.able. 
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of  achieving  it  is  to  develop  a grain  size  finer  tlian  one  micron  in  size-  whicli 
remains  stable  during  superplastic  flow.  Wo  illustrate  our  concept  graphically 
in  Figure  14,  utilizing  equations  (2)  and  (3)  to  make  the  predictions.  In  this 
figure  we  show  the  strain  rate-stress  relatii>n  for  our  l.bZC  steel  deformed  at 
700°C.  As  mentioned  previously  the  average  grain  size  of  this  steel  during 
superplastic  flow  is  2!.im.  If  the  grain  size  is  decreased  by  a factor  of  five, 
that  is,  to  a size  of  0.4un,  the  superplastic  flow  rate,  at  a g.iven  stress,  is 

3 

enhanced  by  over  a hundred  fold  (5  = 125).  The  resulting  strain  rate-stress 

relation  for  the  O.Avini  grain  size  steel,  shown  in  Figure  14,  is  such  that  super- 
plastic flow  now  extends  to  a strain  rate  of  about  1 per  second.  Clearly  this  is 
a desirable  end  objective.  We  are  currently  att(niipting  to  stabilize  the  fine  grain 
size  by  appropriate  control  of  chemical  composition.  The  effort  is  centering  on 
the  role  of  manganese  and  silicon  in  retarding  cement ite  particle  agg.lomeration 
(which  then  leads  to  ferrite  grain  growth).  Alloying  elements  which  stabilize 
the  carbide  in  steels,  such  as  V,  Ti,  Cr  and  .M)  are  also  being  considered. 

Sur^ary  and  Cone  l us  Urns 

The  superplastic  properties  of  ultrahigh  carbon  (UHC)  stc?els  (1.3  to  1.9%t;) 
have  been  investigated  in  the  ferrite  as  \jell  as  austenite  range  of  temperatures, 
600  to  800°C.  The  following  characteristics  were  noted: 

(1)  The  UHC  steels  exhibited  strain  bardening  during  superplastic  flow  at 
all  temperatures  of  testing.  This  was  attributed  to  grain  co.irsening  during 
superplastic  straining.  For  example,  the  ferrite  grain  size  increased  from 

0. Sym  to  about  2 . Opm  during  superplastic  deformation  at  650°C,  altliough  it 
remained  remarkably  stable  without  concurrent  doform.at  ion . 

(2)  At  low  strain  rates,  the  stress  exponent,  n,  in  r o , was  observed  to 
be  about  two,  a value  generally  attributed  to  .superpl  asl  i c flow  by  grain  boundary 
sliding.  At  high  strain  rates,  the  stress  exponent  wa.s  obsi-rved  to  be  abont 
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eight,  a value  we  attribute  to  plastic  flow  by  a slip  creep  mechanism  wtiere  grain 
boundaries  and  cementite  particles  are  considered  ns  barriers  to  plastic  flow. 

(3)  In  the  range  where  superplastic  flow  dominates,  the  activation  energy 
was  found  equal  to  about  170  kjoules/mole  a value  nearly  equal  to  th.at  for  grain 
boundary  self-diffusion  in  alpha  or  gamma  iron.  In  the  range  where  slip  creep 
dominates,  the  activation  energy  was  found  to  t>e  considerably  higher  than  170 
kjoules  per  mole  and  was  identified  with  the  activation  energy  for  lattice  self- 
diffusion in  alpha  or  ganr-ii  iron. 

(4)  The  tensile  ductility  was  high  at  low  values  of  the  diffusion-compensated 
strain  rate,  with  elongations  equal  to  300  to  750%.  The  tensile  ductility  was 
higher  below  the  temperature  (ferrite-cementite  range)  than  above  the  temper- 
ature (austenite  - ce^'entite  range).  This  was  attributed  to  the  lower  content  of 
cementite  above  the  A^  than  below  the  A^^  leading,  to  enhanced  grain  growth  in  the 
austenite  - cementite  range. 

The  UHC  steels  c.'thibited  high  ductility  at  warm  and  hot  temperatures  even 
in  the  as-cast  coarse  structure  state.  Mo  edge  cracking  was  not(.‘d  in  large  strain 
forging  experiments  on  the  as-cast  carbon  steels  even  at  temperatures  as  low  as 
850°C.  These  results  suggest  that  such  UHC  steels  itave  a wide  range  of  workability. 
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1 9 % CARBON  S 


rip,ure  2.  Tht?  above  carbon  replica  electron  pbotomi  croprapbs  illustrate  tlie 
influence  of  warm  workin?;  on  the  breakup  of  tlic  oripinnl  missive  cementitc 
particles  in  cast  u'' t rahl  pli  carbon  steels  (left  photomicrographs).  F.xtensive 
warm  working  yieUloii  a fully  spheroid!  zed  structure  in  the  l.b'i'  carbon  steel 
(upper  right).  Consideralilc  refinement  of  tlic  structure  occurred  in  llie  1.97. 
carbon  steel  (lower  rigjit)  by  warm  wo’-king  but  because  it  was  not  er.tensively 
workcci  some  cemeutite  plates  are  still  present. 


Figure  3.  Optical  photomicrographs  of  1.9%C  steel,  illustrating  change  in 
microstructure  from  coarse  proeutectoid  cementite  structure  in  as- 

cast  condition  (A)  to  equiaxed  fine  grained  state  in  extensively  hot  and 
warm  worked  condition  (B) . Magnification  1550X. 
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Figure  4.  True  s t ress- 1 rue  strnin  curves  at  650°(’  for  a Kfi'T  steel  in 
coarse  grained  as-cast  state  and  in  splieroidized  fine-grained  condiliona. 
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Figiirp  '>  • Transmission  oJectron  micrograpiis  oF  a warm  worked  1 . 9%C  steel 
illustrating  the  grain  growth  that  occurs  during  superplastic  flow.  (A) 
steel  in  as-rolled  condition  + aw  at  650°C),  (B)  and  (C)  superplastica  lly 

deformed  at  f)50°C  and  e = 1%  per  minute,  (0)  grip  region  of  sample  shown  in  (C) 
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Fij’ure  7.  The  above  illustrates  change-in-strain-rate  tests  performed  to 
determine  tlie  flow  stress-strain  rate  relation  at  constant  structure. 

Tile  example  shown  is  for  a l.f->°X  steel  tested  in  the  austen i te-cement  i te 
range  (770°(:). 


J 


(J,  KS 

10 


TRUE  STRESS  (J,  MPa 


Kiptiro  8.  l-’low  stress-strain  rate  relation  for  fine  grained  1.6?'.C  steel  in 
tlio  ferri  te-eement  i to  and  aus  ten  i t e-renien  t i te  temperature  range. 
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Figure'  12.  Tlu’  notliiliis  coniu'ns.it  i.'<l  flow  st  roris-st  r.iin  rato  rela  L ionslii  a for 
1 . 67C  steel  is  cdinpa  red  at  77()”('  ( aus  t en  i t e-eenen  t i t e range)  and  al  7f)()°c 
( f er  r i le-cemen  t i te  range)  wliere  the  iliffusion  eoe  f f i c i on  t s are  neailv  identical 
The  small  difference  in  the  n-sulting  curves  can  he  primarily  attributed  to 
a difference  in  grain  si7.e. 
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Figure  14.  The  predicted  flow  stress-st rnln  rate  relation  is  shown  for  a 
1.6%C  steel  for  a stable  praln  sItio  of  0.4um  at  700'’C.  Under  these  con- 
ditions superplastic  flow  should  be  observed  at  strain  rates  as  Iiieh  as 
one  per  second. 
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THE  PRESSURE  SINTERING  KINKTTCS  OK  IRON  POTOEKS  AND 
SUPERPIASTIC  ULTRAHICH  BON  J^EEE  .P_qWDER S 

by 

Robert  D.  Caligiiiri 

The  purpose  of  this  investigation  was  to  study  the  pressure  sintering 
kinetics  of  metal  powders.  Specifically,  tills  investigation  has  focused  on 
the  kinetics  of  pressure  sintering  of  iron  powders  and  ultrahigh  carbon 
steel  powders  that  contain  a superplastic  mlcrostructure.  The  important 
results  and  conclusions  of  this  study  are  outlined  in  the  following  paragraphs. 

An  ultrafine  grain  structure,  in  the  order  of  one  micron  in  size,  is 
generally  accepted  as  a necessary  prerequisite  for  superplastic  behavior. 

Previous  research  at  Stanford  has  show  that  ultrafine  grain  size  stabilized 
by  discrete  second  phase  particles  of  cementite  can  be  produced  in  ultrahigh 
carbon  steels.  The  techniques  developed  to  produce  such  microstruc turcs  can 
be  classified  into  two  groups:  mechanical  (Involving  hot  and  warm  working 
of  the  material)  and  thermal  (involving  quenching  and  anne.al  ing  of  the  material). 
These  techniques  are  discussed  in  detail  elsewhere  [1-5].  Utilizing  this  work, 
the  present  investigation  centers  on  two  methods  of  generating,  superplastic 
microstructures  in  ultrahigh  carbon  steel  powders,  one  mechanical  and  the 
other  thermal.  The  mechanical  method  involves  building  the  desired  super- 
plastic mlcrostructure  into  bulk  material  by  hot  and  warm  working,  followed 
by  milling  and  attriting  into  powder  form.  This  method  was  very  successful 
in  producing  superplastic  1.6%C  steel  powders,  but  proved  to  be  time  consuming 
and  inefficient.  As  a result,  the  thermal  method  was  developed.  It  was  shown 
that  vacuum-annealing  1.22%C  and  1.76ZC  steel  liquid  atomized  (water  quenched) 
powders  at  700°C  for  one  hour  converted  the  fully  martc-nsiiic  microstriict  ures 
(Figure  1 and  2)  into  fine,  spberoidized  mi  c ro;;t  rurl  ures  (I'igure  1 and  4). 

The  thermal  method  proved  to  be  a simiile,  rapiil  technique  for  producing  large 
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quantities  of  superplastic  powders. 


The  influence  of  microstructur*.  on  densi  f ication  behavior  was  Illustrated 
by  compacting  1.6%C  steel  fine  structure  powders  (produce<I  by  the  mechanical 
method  as  shown  in  Figure  5)  at  650°C  and  69  Ml’a  — a temperature  and  pressure 

where  this  fine  structure  steel  is  known  to  behave  superplast ically  (see  Figure 

* 


6).  The  resulting  density  - time  plot  was  compared  to  tlie  dt.msi  ty- 1 i me  plot  of 
powders  similarly  pressed  but  produced  from  tlie  as-cast  (coarse  structure)  1.6%C 
steel.  The  microstructure  of  the  coarse  structure  powders  is  shown  In  Figure  7. 
The  two  density-time  curves  are  shown  in  Figure  8.  After  A hours,  the  1.6%C 
steel  fine  structure  compact  is  about  95%  dense  while  the  1.6%C  steel  coarse 
structure  compact  is  only  about  87%  dense.  A similar  difference  in  densificatlon 
response  between  the  fine  structure  (supe.rpl asi ic)  and  coarse  structure  (non- 
superplastic) powders  is  observed  at  other  warm  temperatures  and  low  pressures. 
From  these  results  it  is  concluded  that  a superplastic  microstructure  enhances 
densificatlon  and  permits  the  pressing  of  high  density  compacts  at  warm  temper- 
atures and  low  pressures. 

The  kinetics  of  the  densificatlon  process  during  warm  pressing  were  studied 
in  order  to  determine  why  superplastic  micros t rue l ures  enhance  densificatlon. 
Detailed  measurements  of  the  relative  densi t y- time  behavior  of  liquid  atomized 


i 
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commercially  pure  iron  powders  and  liquid  atomized  vacuum-annealed  ultrahigh 
carbon  steel  powders  v/ore  made.  These  measurements  premitted  dc’f ermination  of 
densificatlon  rate  as  a function  of  density,  temperature,  and  applied  pressure. 
These  data,  shown  in  Figures  9,  10  and  11,  lead  to  tiie  following  phenomenological 
equation  for  densi f Ication  rate  (p)  during  tlie  intermediate  stage  of  densificatlon 
(between  80  and  95%  relative  density): 

* All  references  to  density  in  tills  report  are  Xelati^v^  densities;  that  is,  the 
actual  density  in  gm/cm^  divided  by  the  theoretical  density  in  gm/cm^. 
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P = ^-  (^)'^  U ' 


2 ( P 


(1) 


where  K is  a material  constant,  b is  the  Burgers  vector,  p is  tlic*  relative  density, 
D is  the  self-diffusion  coefficient  (lattice  self-diffusion  for  the  iron  powders 
and  grain  boundary  self-diffusion  for  the  ultraiiigh  carbon  steel  powders),  t is 


a material  dependent  exponent,  E is  Young's  modulus,  and  is  the  applied  pressure. 


A literature  search  reveals  that  other  workers  [6-10]  liave.  observed  the  dependence 
of  densif icat ion  rate  on  the  self-diffusion  coefficient  and  the  power  law  dependence 
on  applied  pressure.  However,  this  invest  i p.at  ion  appears  to  have  been  tht?  first 
to  suggest  and  to  demonstrate  that  the  detis i f i ca t ion  rate  during  the  intermediate 


stage  of  densi f icat ion  depends  on  relative  density  according  to  the  parameter 


^ . This  parameter  was  chosen  Initially  because  it  predicts  that  the  densi- 


flcation  rate  should  go  to  zero  as  p ->■  1 and  should  be  equal  to  infinity  as  p -*•  0 — 
both  physically  realistic  limits.  Analyses  showed  that,  in  addition  to  the  data 
of  this  investigation,  this  parameter  also  describes  the  available  data  on  alumina 
powders  [11],  copper  -1%  alumina  powders  [12],  and  cob. lit  oxide  powders  [9). 

The  presence  of  the  self-diffusion  coefficient  in  tiie  phenomenological  den.si- 
fication  rate  equation  indicates  tli.it  dens i t i ca t i on  by  warm  pressing  (during  the 
intermediate  stage,  at  least)  is  diffusion  controlled.  To  he  more  specific  as  to 
the  actual  microscopic  deformation  meclianism  involved  (i.e.  dislocation  motion, 
grain  boundary  sliding,  stress  assisted  diffusion,  etc.),  it  is  necessary  to 
determine  the  steady  state  creep  properties  of  the  materials  studied.  Compression 
creep  studios  on  samples  machined  from  high  density  compacts  were  thus  performed 
and  showed  that  the  commercially  pure  iron  and  ultrahigh  carbon  steels  obey  the 


usual  power  law  relationship  between  the  steady  state  creep  rate  (* ^g)  ^nd  the 


flow  St  ress  (o) : 


• A „ ,0,n 
^ss 

b 


(2) 
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where  A is  a material  constant,  b is  the  burgers  vector,  D Is  the  self-diffusion 

coefficient  (lattice  self-diffusion  coefficient  for  the  commercially  pure  iron 

and  grain  boundary  self-diffusion  for  the  ultrahigli  carbon  steels),  n is  the  stress 

exponent,  and  E is  Young's  modulus.  Below  ^ ~ 5 x 10  , the  stress  exponent  for 

h 

the  iron  is  about  4 and  is  about  2.5  for  the  ultrahigh  carbon  steels.  Comparison 

of  the  material  constants  in  Equation  (1)  to  the  iinterial  constants  in  I'quation  (2) 

revealed  that  t ~ n and  K ~ 56. 7A  (56.7  is  the  average  of  the  values  of  the  three 

materials  studied).  Taking  a = P as  a basis  for  comparison,  the  intermediate 

A 

stage  densificatlon  rate  can  then  be  related  to  the  steady  state  creep  rate  at  a 
given  temperature: 

p = 56.7  (^)"c^^  (3) 

Thus,  for  a fixed  value  of  relative  density  the  intermediate  stage  densificatlon 
rate  at  a given  warm  temperature  and  low  pressure  is  directly  proportional  to 
the  steady  state  creep  rate  of  the  material  at  the  same  warm  temperature  and  low 
pressure.  Equation  (3)  holds  for  cobalt  oxide  and  alumina  as  well  (Figure  12). 

It  is  therefore  concluded  tliat  tlie  mecdianism  wiiicli  controls  steady  state  creep  at 
the  given  stress,  temperature  and  microstructure  also  controls  the  intern’cdia te 
stage  of  densificatlon  under  similar  conditions.  Otlier  workers  [12-19]  have 
stressed  the  importance  of  steady  state  creep  meclianisms  during  densificatlon, 
specifically  the  intermediate  stage,  but  this  work  appears  to  have  been  the  first 
to  establish  a quantitative  relationship  between  creep  rate  and  densificatlon  rate. 
With  this  relationship  the  densificatlon  behavior  of  a material  can  be  predicted 
by  simply  knowing  its  creep  properties  at  the  temperature  and  pre'ssurc  of  interest. 

The  relationship  between  densificatlon  rate  and  creep  rate  (Equation  (3)) 
was  next  studied  in  more  detail  to  understand  better  the  enlianceinent  of  densifi- 
cation  found  with  superplastic  microsiructures.  Since  superplastic  materials 
generally  creep  faster  than  non-'superpl ast i c materials  at  warm  temperatures  and 
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low  stresses.  Equation  (3)  predicts  that  suporp 1 a:; t i c materials  will  densify 
faster  than  non-superplastic  materials  durinp,  warm  pressing.  Ttiis  in  fact  was 
observed  with  the  1.6%C  powders  (Figures  6 and  8).  The  relationship  between 
densification  rate  and  creep  rate  further  predicts  througli  the  term 
that,  at  the  same  creep  rate,  superplastic  materials  (low  stress  exponent)  will 
densify  faster  than  non-superplastic  materials  (higli  stress  exponent).  This 
prediction  was  verified  experlmenta  I ) y . First,  creep  experiment.s  were  performed 
to  determine  the  stress  at  650°C  whe-rt!  superplastic  l.bJfC  steel  lias  tlie  same 
steady  state  creep  rate  as  the  non-superplastic  commercially  pure  iron.  This 
stress  is  43.1  MPa  as  shown  In  Figure  13.  Powiiers  of  tliese  materials  were  then 
compacted  at  43.1  MPa  and  bSO'C  for  4 liours.  After  correction  for  the  initial 
stage  of  densification,  the  1.6%C  superplastic  powder.s  are  about  3 percent  more 
dense  than  tlie  iron  powders,  as  seen  in  Figure  14.  Thus  the  term  does 

contribute  significantly  to  the  enhancement  of  densification  by  superplastic 
raicrostructures. 


An  attempt  was  made  to  give  the  term  (•^--^)*' 
on  Equation  (1),  a new  expression  for  tlie  average 


cation  (a„)  was  introduced: 
E 


p A 


some  physicfil  meaning 
effective  stress  for 


Based 
densi fi- 

(4) 


where  P^  is  the  applied  pressure.  We  lielicve  this  expression  accounts  for  the 
effect  of  both  porosity  and  die  wall  constraining  forces  on  the  average  stress 
actually  causing  material  to  flow  into  the  pores.  Using  Equation  (4)  and  taking 
O = Og  as  a basis  for  comparing  creep  behavior  to  densification  behavior,  the 
relationship  between  densification  rate  and  cri:ep  rate  can  now  be  reduced  to: 


p = 56.7  e 

ss 

From  this  equation  it  is  concluded  that,  for  a constant  effective 
constant  intermediate  stage  densification  rate  will  not 


(5) 

stress  (hence 
vary  with 
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relative  density.  In  other  words,  the  liependenco  on  relative  density  of  densifl- 


cation  rate  observed  in  this  and  other  Investip.ations  is  due  solely  to  the  decrease 
in  effective  stress.  Other  researchers  [ 1 1 , 1 7 , 20, 21 , 22 ] have  advanced  expressions 
for  the  effective  stress  in  terms  of  the  applied  pressure,  but  this  investlRat ion 
apparently  has  been  the  first  to  advance  an  expression  based  on  experimental  data 
which  predicts  that  the  effective  stress  is  les.s  llian  tite  applied  pressure  and 
decreases  to  zero  as  the  porosity  goes  to  zero  (p  > 1).  'fhe  result.s  of  tills 

1 

investigation  suggest  a now  approach  towards  tlie  future  theoretical  development 

1 

of  an  expression  for  effective  stress,  using  Equation  (4)  as  a guide.  • 

Further  examination  of  Equation  (5)  reveals  that,  at  a constant  effective 
stress  where  a superplastic  and  non-superplastic  material  have  the  same  steady 
state  creep  rate,  there  should  be  no  difference  in  deusi f i cat  ion  behavior  during 
the  intermediate  stage.  This  is  verified  by  using  Equations  (4)  and  (5)  to 
compute  the  ratio,  at  a given  value  of  relative  density,  between  the  densiffca- 
tlon  rate  of  the  1.6%C  steel  superplastic  [lowders  and  the  densi f i cati on  rate  of 
the  commercially  pure  iron  powders  warm  pressed  at  6‘i0°C  and  43.1  Ml’a.  This 
computed  ratio  can  then  be  compared  to  the  experimentally  measured  ratio  at  that 
I density  (Figure  14).  The  computed  ratios  matcli  the  measured  ratios  very  well. 

I It  is  tliereforc  concluded  that  the  enhancement  of  densi  fi  c.ition  during  warm 

; pressing  observed  with  a superplastic  microstructui  e.  can  be  complete''  ' accounted 

for  by  the  faster  creep  rates  at  low  stresses  (resulting  from  a different  de- 
formation mechanism)  characteristic  of  superplastic  materials.  The  extremely 

high  ductility  associated  with  superplastic  materials  apparently  does  not  influence 

i 

the  densi f icat ion  process.  The.  above  results  are  also  indirect  evidence  that 
Equation  (4)  is  the  correct  expression  for  effective  stress.  More  direct  evidence 
can  be  provided  by  performing  pressure  sintering,  expi-rimen  f s under  constant 
effective  stress  conditions,  and  then  determining  whelher  or  not  the  relativi’ 
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density-time  curves  for  the  supurplastlc  and  non-superplastic  materials  super- 
impose over  the  intermediate  stage. 

Three  different  theoretical  models  for  the  dens i f i ca tion  behavior  during  the 
intermediate  .stage  of  densi  f lent  ion  were  next  investigated.  Tbese  models  proved 
to  be  variations  on  the  same  theme  — control  of  intermediate  stage  densif Ication 
by  the  mechanisms  of  power  law  creep.  Of  the  three  models  studied,  the  model  of 
Wilkinson  and  Ashby  |16]  fits  the  expi' ri mental  data  the  best.  This  model  also 
predicts  that  materials  with  a stress  exponent  of  ?.5  should  densify  faster  than 
materials  with  a stress  exponent  of  4.  The  Wil kinson-Ashby  equation,  however, 
does  not  fit  the  experimental  data  very  well  (Kip.ures  15,16  and  17).  The  problem 
with  the  model  can  be  traced  to  the  prediction  of  tlie  relative  density  dependence 
of  the  densi f ication  rate  and  is  attributable  to  the  unrealistic  assumption  of  a 
hydrostatic  stress  uniformly  collapsing  the  pores.  A more  realistic  description, 
however,  is  likely  possible  only  with  a finite  element  approach  to  deterraing  the 
stress  and  strain  rate  fields  around  an  arbitrarily  sliaped  collapsing  pore.  De- 
velopement  of  such  a finite  element  code  would  be  a very  interesting  research 
problem  and  worthy  of  futvire  study. 

This  research  has  stiown  that  powders  containing,  a superplastic  microstructure 
can  be  pressed  to  very  liigh  densities  at  warm  temperatures  and  low  pressures. 

This  concept  has  potential  commercial  appl ica* ions.  As  a result,  several  areas 
of  applications  were  examined.  One  such  application  is  a method  of  producing 
bulk  superplastic  materials  by  warm  pressing  superplastic  powders  without  a pro- 
tective atmosphere.  Determination  of  the  feasibility  of  tills  method  requires 
that  the  residual  porosity  and  oxides  present  in  warm  pressed  iron  and  ultrahtgh 
carbon  steels  on  room  temperature  mechanical  properties  be  studied.  It  Wiis  thus 
demonstrated  that  the  .small  amount  of  oxide  ahsorhod  into  the  matrix  along  former 
particle  boundaries  does  not  reduce  the  compres.si ve  ductility  of  these  materials 
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(Figure  18).  The  2.5%  residual  porosity  in  the  ultr.ihigh  carbon  steels  does, 
however,  cause  a decrease  in  yield  strength.  It  is  tlierefore  concluded  that 
warm  pressing  superplastic  powders  in  air  is  a feasiiile  I’/M  forming  technique. 


The  feasibility  of  forming  cast  irons  hy  I’/M  teclini<iues  was  next  considered. 
As  shown  in  Figure.  19,  the  liquid  atomized  2.6/.  white  cast  iron  powders  after 
heating  to  lOO'C  contain  pockets  of  superpl ast ic- 1 ike  ferrite  and  cementite 
surrounded  by  a network  of  proeutectoiti  cement  iti‘.  Chan)>,e  in  strain  rate  tests 
and  stress  relaxation  tests  performed  at  650°F  on  a sample  machined  from  a 
virtually  100%  dense  white  cast  iron  compact  yielded  a stress  exponent  of  about 
3.3.  This  low  stress  exponent  indicates  a tendency  towards  superplastic  deforma- 
tion. This  white  cast  iron  compact  also  exhibited  normal  room  temperature  pro- 
perties, a yield  strength  of  700  MPa  (102,000  psi)  and  a 5%  compressive  strain 
before  fracture  [23,24].  The  resulting  density  and  meclianical  properties  are 
bettor  than  those  obtained  by  earlier  workers  [25,26]  on  cast  irons.  Tills 
difference  can  bt?  attributed  to  two  factors.  First,  tlte  time?;  used  by  tlie 
early  workers  (less  than  one  minute)  w^'ie  too  short  for  higli  dens  1 f ication  by 
creep  (intermediate  stage  denst f icat ion)  to  occur.  Second,  the  early  workers 
used  hot  pressing  temperatures  abovt-  tlie  eutectoid  Lransform.'itlon  temperature. 

Any  fine  structure  developed  during  processing  was  tlius  lost.  lienee,  their  cast 
iion  powders  were  mucli  stronger  titan  the  2.6%C  wliite  cast  iron  powders  used  In 
this  investigation.  The  general  conclusion  is  tiiat,  under  appropriate  con- 
ditions of  time,  pressure  and  temperature,  P/M  warm  pressing  is  a feasible  way 
of  sitaping  brittle  cast  iron. 

Tlte  solid  state  weldability  of  mild  stt'els  and  ultralilgii  carbon  steels 
was  also  stitdied.  It  was  sitown  that  two  1 . 6%(’.  steel  plates,  after  proper 
cleaning  and  polishing,  can  lie  sitccessfully  welded  liy  pressing  tltem  together 
in  air  at  650“('.  ttnder  69  MPa  of  pressure  for  3 hours  (Fig.ttri^  20).  Mild  steel 
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plates,  similarly  cleaned  and  pressed,  do  not  successfully  weld  (Figure  21). 

The  high  ease  of  solid  state  weldability  of  the  ultrahigh  carbon  steel  plates 
is  attributable  to  two  factors.  One  is  that  tlie  grain  boundaries  present  provide 
many  sources  of  high  atom  mobility  paths  for  iron  atom  bonding.  Tlie  second 
factor  is  that  the  weak  ultrahigh  carbon  steel  can  flow  into  the  asperities 
(pores)  readily.  Although  the  ultrahig.h  carbon  steel  plates  are  solidly  joined, 
a line  seems  to  demarcate  the  interface  (Figure  20).  Examination  at  higher 
magnifications  shows  this  line  to  consist  of  flattened  grain  boundaries  and 
carbide  particles  which  tend  to  grow  across  the  interface  as  time  progresses 
(Figure  22).  The  good  solid  state  weldability  of  ultrahigh  carbon  steels  also 
extends  to  multi-layer  stacks  as  well  as  two-layer  stacks.  This  research  has 
shown  for  the  first  time  that  steel  plates  can  be  successfully  welded  in  air 
below  700“C  and  may  open  up  a whole  new  area  of  warm  temperature  solid  state 
welding  technology. 
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(A)  (B) 


Screen  Analysis  for  Liquid  Atomized  1.22%C  Steel  Powders 
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Figure  ].  Characterization  of  the  liquid  atomized  1.22%C  steel  powders. 
(A)  shows  the  unetctied  powders  as  received.  The  powders  are  "spheroid" 
in  shape.  (B)  shows  tlie  microstructure  of  one  of  tlie  as  recieved  particles 
after  etching.  Note  that  it  is  martensitic.  (C)  shows  the  results  of  the 
Tyler  Screen  Analysis.  The  average  particle  size  is  about  70tim. 
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Figure  2.  Characterization  of  the  liquid  atomized  1.76%C  steel  powders. 
(A)  Shows  the  unetcliecl  powders  as  received.  The  powders  are  "spheroid" 
in  shape.  (B)  shows  the  microstructure  of  one  of  the  as-received  particles 
after  etching.  Note  that  it  is  martensitic.  (C)  shows  the  results  of  the 
Tyler  Screen  Analysis.  The  average  particle  size  is  about  70pra 


Screen  Analysis  for  liquid  Atomized  1.76%C  Steel  Powders 
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of  anneal  was  700°C.  (A)  shows  the  microstructure  of  one  particle  after  annealing  for  0.5 
hours,  (B)  the  microstructure  after  1 hour  and  (C)  the  microstructure  after  1.5  hours.  On' 
hour  was  determined  to  be  the  optimum  annealing  time. 
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of  anneal  was  700°C.  (A)  shows  the  mlcrost rncture  of  one  particle  after  annealing  for  0.5 

hours,  (B)  the  microstnictnre  after  1 hour,  and  (C)  the  microstructure  after  1.5  hours.  One 
hour  was  determined  to  be  the  optimum  annealing  time. 


Screen  An^’ly.sls  for  1.6%C  Steel  Atrrited  Fine  Structure  Powder 
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Figure  5.  Chnracter iptat ion  of  the  1.6%C  steel  attrlted  fine  structure 
powders.  (A)  shows  the  unctclied  powders  after  attrition.  The  particles 
are  "angular"  in  sliape.  (B)  shows  the  microstructure  of  one  particle 
detailing  the  fine  structure  (less  than  two  micron  grain  size)  present. 
(C)  Shows  tlie  Tyler  Screen  Analysis  results.  The  average  particle  size 
is  around  lOOiiin. 
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TRUE  FLOW  STRESS,  a (MPa) 


Fi^iiro  h.  TTik’  fidw  sirt'ss-tnie  strain  rate  relationship  for  Che 
1.6%C  stool  both  in  the  as  cast  coinlition  (Fip,nre  T.7(A))  and  after 
hot  and  warm  working  (FiRnre  3.7(1!)).  The  strain  rate  sensitivity 
exponent  for  the  worked  material  below  a stress  of  10  MFa  is  about 

0. 42.  Also  showai  is  the  dat.a  of  Kayali  (hi  c’n  hot  and  warm  worked 

1 .  fiZi.  snperplast ic  steel.  it  matches  verv  well  the  data  collected 
in  this  invest i Rat i on . 
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Kij'iiro  II.  |ii'm(’nsl  r.il  iini  nf  tlir  v.iIicliLy  oT  tlif  plu'iionicnologi  ral 
rclaticin  {l',f|iia  t ion  (il))  in  an-urat  c 1 v iloscribinf?  tho  dens  i fi  cal  ion 
fall'  bfli.iv'ior  of  t lu'  1.7b'’'(l  .‘^acol  liqniil  atomi/.od  powHorn  diirinn 
till’  i nl  i-rmoil  i ilo  stapo  of  dims  i fi  ca  t i on  . is  t bo  .qrain  boundary 

so  I f-d  i f f us  i on  ''oo  f < i c i im  t . 
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iiKiiro  I'i.  Plots  of  till'  steady  state  creep  rate  - flow  stress 

(■)  l>i‘Iiavior  for  both  t lie  I . bXC  liiU'  structure  material  and  t lie  cora- 
merciallv  pure  iron  material  at  blO”!:.  This  sltows  that  both  materials 
liave  tile  same  sleadv  state  creep  rate  at  a flow  stress  of  4 1.1  MPa. 
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FiRiire  17.  Comparison  of  experimental  data  with  the^Wilkinson-Ashby 
prediction  of  the  dependence  of  densif ication  rate  (p)  on  relative 
density  (p)  for  the  1.76%C  steel  liquid  atomized  powders. 
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The  structure  consists  of  fine  ferrite  grains  (<2)j; 
fine  spheroidized  cementlte  particles  (<liJin). 
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Figure  20.  The  interface  between  two  1.6ZC  steel  plates  solid  state 
welded  in  air  at  650“C  and  69  MPa  for  three  hours.  (A)  shows  the 
plates  to  be  well  joined  — no  evidence  of  residual  asperities  or 
oxides.  The  Interface  is  Indicated  by  tic  marks  at  the  sides  of  the 
micrograph.  (B)  shows  no  residual  asperities  or  oxides  at  high 
magnification.  Some  sort  of  line  does  seem  to  mark  the  Interface, 
however.  The  large  black  spots  in  the  matrix  are  graphite  particles. 
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Figure  2].  The  interface  between  two  AISI  1005  mild  steel  plates 
solid  state  welded  in  air  at  650°C  and  69  MPa  for  three  hours.  In 
(A)  the  plates  are  seen  to  be  poorly  joined  and  show  many  residual 
asperities.  (B)  shows  the  interface  at  higher  magnification.  The 
residua]  asperities  likely  contain  oxides. 


Figure  22.  A SKM  mirropraph  of  the  interface  repion  shows  tlie  line 
visible  in  Fipiire  6.4(P.)  to  consist  of  flattened  carbide  particles 
and  prain  boundaries.  Tlie  line  disappears  in  places  because  of  prain 
prowtb.  Ml  trace  of  the  interface  would  disappear  if  belli  at  temper 
atnre  for  .1  sufficient  liMiptb  of  time. 
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